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Research SummaryNanomaterials: Mechanical Behavior

How would you…
…describe the overall significance 
of this paper?
Crystal plasticity finite element 
constitutive models with 
phenomenological hardening 
rules are insufficient to predict 
the evolution of heterogeneous 
deformation that precedes damage 
nucleation near grain boundaries.

…describe this work to a 
materials science and engineering 
professional with no experience in 
your technical specialty?
The mechanisms that govern 
dislocation and twin interactions 
with grain boundaries (slip transfer 
rules) need to be identified so 
that models can be developed, 
implemented, and validated.

…describe this work to a 
layperson?
This research program seeks to 
discover how a crack becomes a 
crack when there was no crack 
before. With this knowledge, 
improvements in material 
performance can be developed for  
a wide range of applications.

Heterogeneous deformation, includ-
ing local dislocation shear activity 
and lattice rotation, was analyzed in 
microstructure patches of polycrys-
talline commercial purity titanium 
specimens using three different experi-
mental methods. The measurements 
were compared with crystal plasticity 
finite element simulations for the same 
region that incorporate a local phe-
nomenological hardening constitutive 
model. The dislocation activity was 
measured using techniques associated 
with atomic force microscopy, confocal 
microscopy, three-dimensional x-ray 
diffraction, and nano-indentation. The 
results indicate that a major challenge 
for model development is to effectively 
predict conditions where slip transfer 
occurs, and where geometrically nec-
essary dislocations accumulate. 

INtroductIoN

Titanium and its alloys are widely 
used because of their high stiffness, 
strength, and corrosion resistance. 
However, the processes of heteroge-
neous plastic deformation and frac-
ture initiation in hexagonal α-titanium 
are still not well understood. Hetero-
geneous deformation usually results 
from two phenomena.1–3 One is that 
some grains are much more easily 
deformed than other grains, because 
one or more deformation systems in 
the “soft” grains can be more easily 
activated than those in “hard” grains 
under an imposed stress state, leading 
to large strain differences among soft 
and hard grains. The other aspect is the 
heterogeneous deformation associated 
with strain gradients within a given 
grain, resulting from the requirement 
for local arbitrary grain shape changes 
needed to achieve polycrystalline com-
patibility.
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A prominent feature of the plastic 
deformation of hexagonal α-titanium is 
the plastic anisotropy arising from four 
types of dislocation slip systems with 
various critical resolved shear stresses 
(CRSS).4,5 The primary slip system is 
{ }1010 1210< > prismatic slip be-
cause it has the lowest critical resolved 
shear stress.4 There are three other 
slip systems, { }0001 1210< > basal, 
{ }1011 1210< >  pyramidal <a> slip, 
and { }1011 2113< >  pyramidal <c+a> 
slip, that can be activated with high re-
solved shear stress. There are also four 
twinning systems in α-titanium6 that 
can contribute to deformation, two ten-
sile (extension) twinning modes (T1 
and T2), and two compressive (con-

traction) twinning modes (C1 and C2). 
During tensile tests at room tempera-
ture, { }1012 1011< >  T1 twinning is 
commonly observed, in part due to its 
relatively low magnitude of shear.6

The crystal plasticity finite element 
(CPFE) method is often used to simu-
late the three-dimensional (3D) plastic 
deformation processes in polycrystal-
line materials, because heterogeneous 
deformation between and within grains 
can be simulated.7–10 Crystal plasticity 
finite element modeling incorporates 
the crystallographic nature of disloca-
tion slip into the finite element method 
by assuming that the plastic veloc-
ity gradient is composed of the shear 
contributions of all slip systems.11,12

Simulation of grain patches using the 
CPFE method, however, are not always 
able to match experimental observa-
tions.12,13

To further understand and eventu-
ally better simulate the heterogeneous 
deformation processes in polycrystal-
line α-titanium, this research project is 
focused on both detailed experimental 
characterization and the CPFE mod-
eling of heterogeneous deformation 
using a phenomenological CPFE con-
stitutive model. Several experimental 
characterization techniques, including 
atomic force microscopy (AFM), con-
focal microscopy, three-dimensional 
x-ray diffraction (3D-XRD), and na-
no-indentation, were used to quantita-
tively measure the active deformation 
systems in grains with different ori-
entations. The critical resolved shear 
stresses (CRSS) of prismatic, basal, 
and pyramidal <c+a> slip are important 
constitutive parameters for the CPFE 
model. These values were identified by 
optimizing the CRSS values in simula-
tions of the topographic pile-ups sur-
rounding conical nano-indentations in 
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Figure 1. A microstructural patch after 1.5% strain. The EBSD 
map is overlaid on the backscattered electron image. The area 
characterized by AFM is in the dashed-line box. The region 
modeled using CPFE is outlined by the solid-line box. The activated 
deformation systems are identified by trace analysis with colored lines.

Figure 2. CPFE simulation of the shears developed by all activated 
deformation systems in the microstructure patch within the solid-
line box in Figure 1 at 1.5% global strain. 
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Figure 4. The AFM-based experimentally measured sum of all 
individual local shear distribution map of the highly characterized 
microstructure patch shown in Figure 1 at global strain level of 1.5%.

Figure 3. Atomic 
force microscopy 
image with a line 
profile showing 
topographic details 
of dislocation slip 
lines in the middle 
of grain 3. The 
dashed line in the 
profile represents 
the undistorted 
surface inclination 
and serves as the 
basis for evaluating 
the overall height 
change along the 
section (the marker 
array was depos-
ited for differential 
image correla-
tion, but it was too 
coarse to be use-
ful).0 50 mm
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0 
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Figure 5. (a) 
Topographic rep-
resentation of 
surface height in 
grains 1,2,3 us-
ing a data set ob-
tained using con-
focal microscopy. 
(b) The boundary 
between grains 1 
and 2 suggests 
that a crack is in 
the process of 
forming. 
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grain interiors using the same phenom-
enological CPFE model. By comparing 
experimental results with CPFE simu-
lations from the same grain patches, 
along with careful study of dislocation 
interactions at grain boundaries using 
3D-XRD, the accuracy of the phenom-
enological model was assessed. From 
this, developments required to improve 
modeling strategies have been identi-
fied. 

See the sidebar for experimental de-
tails.

deforMatIoN  
MIcrostructure

 Figure 1 shows a backscattered elec-
tron micrograph with a superposed 

exPerIMeNtal aNd aNalytIcal detaIls
Authors’ Note: Certain commercial equipment, instruments, software, or materials are identified in this 
paper to foster understanding. Such identification does not imply recommendation or endorsement by 
the National Institute of Standards and Technology, nor does it imply that the materials or equipment 
identified are necessarily the best available for the purpose.
 A four-point bend specimen with dimensions of 25 mm × 3 mm × 2.5 mm was cut 45° 
from the rolling direction of a commercially pure titanium plate with average grain size 
of about 80 µm and a moderately strong texture (about 8 times random). X-ray diffrac-
tion studies prior to deformation indicate that the grains generally contain a low number 
of dislocations.14 The specimen surface was mechanically polished prior to deformation, 
ending with a 0.05 µm colloidal silica suspension. The specimen was then deformed to 
surface strain steps of about 1.5%, 3%, and 6%. Regions of interest were located near the 
center of the sample surfaces, where a continuum finite element method (FEM) stress 
analysis with isotropic properties showed that the stress state was uniaxial tension.15 The 
grain morphology, grain orientations, and deformation slip lines were investigated before 
and after deformation using a Camscan 44FE scanning election microscope with a TSL/
Link electron backscattered diffraction system. Tapping mode atomic force microscopy 
measurements were conducted using a Dimension 3100 produced by Digital Instruments. 
A Leica ICM 1000 scanning laser confocal microscope using a 635 nm red laser and 50 
nm height increments was used to measure the surface topography after deformation. The 
3D-XRD was accomplished using the differential aperture x-ray microscopy facility on 
beam line 34-ID-E at the Advanced Photon Source at Argonne National Laboratory.
 The crystal plasticity constitutive framework is based on a formulation using the multi-
plicative decomposition of the total deformation gradient and considering the anisotropic 
elastic constants of α-titanium, which are discussed in detail in References 16–18. The 
deformation gradient, denoted as F, is decomposed into two parts in a finite deforma-
tion framework, the elastic, Fe, and plastic ,Fp:, gradients, Equation 1. (All equations are 
presented in the Equations table.) The evolution of the plastic gradient, Fp, is given by 
Equation 2, where the plastic velocity gradient, Lp, resulting from activity on all deforma-
tion systems is described as Equation 3 with Pα = mα  nα as the Schmid matrices with 
respect to the undeformed state, g 0

3 110= − −s  as reference shear rate, n the constant stress 
exponent, tα the resolved shear stress, and sα is the shear resistance. The evolution of sα 
during deformation is written as Equation 4. The resolved shear stress tα = Pα : S, where S 
is the second Piola–Kirchhoff stress S = C : Ee. C is the fourth order tensor of linear elastic 
moduli and the elastic strain Ee is obtained from the elastic deformation gradient as Equa-
tion 5, with I the second-order identity tensor. The quantities h0

β, a, and ss
α are the three 

hardening parameters. Mechanical twinning was implemented as unidirectional shear with 
slip resistance properties similar to basal slip. The parameters used were initially chosen 
from previous studies18 and then adjusted slightly to obtain better agreement with experi-
mental characterization and to enhance numerical stability. These parameters have been 
more recently adjusted to include latent hardening and used in conjunction with conical 
indentation experiments, following the methods described in References 19 and 20. The 
crystal plasticity formulation was integrated into the commercial FEM system MSC.Marc.

orientation map that illustrates a patch 
of microstructure after 1.5% plastic 
strain. Two overlaid frames identify re-
gions that were examined using AFM 
(dashed lines) and simulated with 
CPFE (solid line). The free surface to-
pography shows slip traces that vary 
from grain to grain, due to the differ-
ences in crystal orientation (most vis-
ible in grains 0, 1, 9; higher resolution 
images clearly show traces parallel to 
the colored lines that identify slip trac-
es). The activated deformation systems 
were identified using trace analysis,21

based on the backscattered electron 
(BSE) images and electron backscat-
tered diffraction (EBSD) to determine 
grain orientation. Prismatic, basal, and 

pyramidal <c+a> slip, as well as T1 
twinning, were found in this patch, as 
denoted by the trace colors in Figure 1. 

cPfe sIMulatIoN 

The mesh for the CPFE model was 
generated based on the two-dimension-
al geometry EBSD map of the unde-
formed patch. A 3D mesh was gener-
ated by extending the two-dimensional  
geometry into a five-element thick 
slab, so that the grain boundaries were 
perpendicular to the surface. A pan-like 
rim, with an orientation that is at the 
center of the dominant macro-texture 
component, provided a somewhat re-
alistic bulk constraint to the modeled 
region. Deformation was imposed by 
constraining the left side of the pan to 
zero displacement, and putting a face 
load to the right.

The local shear distribution in the 
microstructure patch from all dislo-
cation slip systems at 1.5% plastic 
strain is quite heterogeneous, as shown 
in Figure 2. The CPFE simulations 
showed that the highest shear occurred 
in grain 14, caused by prismatic slip. 
Prism slip was dominant in grains 1, 
3, and 9, with the local shear ranging 
from 0.05 to 0.07. Basal slip was ob-
served in grains 5, 7, and 10, but with 
smaller magnitudes, from 0.005 to 
0.02. No significant pyramidal <c+a> 
slip occurred in the simulation of this 
microstructure patch. T1 twinning ac-
tivity dominated the deformation in the 
lower part of grain 2.

exPerIMeNtal  
assessMeNt 

To quantitatively assess the accuracy 
of the simulation results, comparisons 
were made with direct experimen-
tal measurements of the local shears 
arising from dislocation activity in 
the microstructure patch. A technique 
combining AFM and EBSD-based 
trace analysis was recently developed 
to quantitatively measure the local dis-
location shear activity associated with 
activated deformation systems in dif-
ferent grains.14 Figure 3 displays a high 
magnification BSE image of an exam-
ple of dislocation slip lines, as well as 
an AFM image of the same area mea-
suring the surface height change due to 
the slip lines. 
 Based on the measurement of sur-
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face height change (h), the number of 
slip/twinning dislocations shearing a 
given volume of material can be cal-
culated as Equation 6 where Na is the 
number of dislocations, ba is the Burg-
ers vector of the identified deformation 
system, a, using trace analysis, and ez
is the normal to the sample surface. 
The microstructural patch was subdi-
vided into a 25×25 array of 10 µm tiles 
indicated by indices m,n, each of which 
was scanned by AFM. AFM section 
lines similar to that shown in Figure 3 
were collected along the centerline of 
each tile, and the local shear (ga

mn) as-
sociated with each deformation system 
α was calculated as Equation 7 where 
nα is the plane normal of deformation 
system α and Xmn is a vector point-
ing along the scan line with a constant 
length of 10 mm.
 The local shear maps at 1.5% strain 
generated from AFM data (Figure 4) 
indicate that the simulation success-
fully predicted the presence and mag-
nitude of most of the active dislocation 
slip and twinning systems. The highest 
shear value in the simulation is about 
the same as that measured using AFM 
for most of the grains (2, 3, 6, 8, 9, 10, 
and 13) in the center of the patch. How-
ever, the spatial distribution of simu-
lated local shear is frequently different 
from the experimental measurement. 
In grain 3, the CPFE model showed the 
highest shear in the lower right of grain 
14 rather than to the left of center. Also, 
near the boundary between grains 3 and 
8, the shear caused by prismatic slip in 
grain 3 is about 0.05 to 0.07, which is 
lower in the simulation. In contrast, 
the basal shear activity in grains 5 and 
7 varied from 0.005 to 0.02, which is 
modeled accurately in terms of mag-
nitude and distribution. For grain 10, 
the CPFE simulation successfully cap-
tured the basal activity both spatially 
and quantitatively, but did not predict 
the pyramidal <c+a> slip activity in the 
right side of this grain. Since the shear 
contribution of twinning was only sim-
ulated as a homogeneous unidirectional 
slip system, the localized twins in grain 
2 could not be captured properly. Thus, 
the shears caused by twinning are dif-
fuse rather than spatially concentrated, 
so the magnitude can only be semi-
quantitatively compared to the experi-
ment. Given this, the twin shear was 

distributed in a spatially similar way 
along the lower left grain boundary, but 
did not extend into the grain interior. 
 In a concurrent study, the use of 
scanning laser confocal microscopy to 
measure quantities similar to that ob-
tained by AFM is under investigation 
with characterization following ≈6% 
global strain. At this strain, the twins 
grew sufficiently thick to nearly merge 
with each other on the side next to grain 
1, but remained tapered on the side next 
to grain 3. Figure 5 shows a topograph-
ic representation of the neighborhood 
of grains 1, 2, 3 that indicates how the 
harder grain 2 resisted deformation (it 
has the highest topographic elevation) 
while grains 1 and 3 sunk due to being 
more highly strained. The twin topog-
raphy is also evident, as the upper side 
has a higher elevation than the lower 
side in each twin. Clearly the influ-
ence of deformation in grains 0 and 1 
affect deformation in grain 2, as the 
upper part of grain 2 has a depression 
that indicates that a greater amount of 
local strain has occurred. Figure 5b il-
lustrates in higher magnification the 
region where the twins nucleated at 
the boundary between grains 1 and 2, 
which shows an additional depression 
along the grain boundary that may be 
the beginning of a crack. Further de-
formation will be imposed and the con-
tinuing evolution of deformation and 
damage in this region will be reported 
in a future paper.

NaNo-INdeNtatIoN  
cHaracterIzatIoN aNd 

cPfe ParaMeter  
oPtIMIzatIoN

 An efficient way to improve the 
existing CPFE model is to more accu-
rately determine the critical resolved 
shear stress (CRSS, or sa) and harden-
ing parameters of deformation systems 
using single crystal experiments. How-
ever, for hexagonal metals it is difficult 
to use conventional uniaxial tensile 
tests of single crystals to measure the 
CRSS. This is because the wide range 
of CRSS values for the different defor-
mation system types makes it difficult 
to isolate specific systems without acti-
vating other systems with lower CRSS. 
 Nano-indentation experiments com-
bined with CPFE simulations provide 
an alternative opportunity to study the 
behavior of single crystals in a poly-
crystalline environment. Because in 
most cases the grain size is much larger 
than the size of the indentations, nano-
indention can be treated as the defor-
mation of a constrained single crystal. 
Such experiments allow the separation 
of the influence of intrinsic grain prop-
erties, such as grain orientations, from 
the influence of polycrystallinity such 
as interfaces and neighboring grain 
orientations. A study of the anisotropic 
nano-indentation response of α-tita-
nium was conducted to quantitatively 
identify the CRSS for different slip 
systems.19,20

Based on a large-area EBSD scan, 
a suitable microstructure patch in an-
other specimen from the same plate 
was chosen to provide a variety of 
crystallographic orientations for nano- 
indentation, as shown in Figure 6. 
These indentations were carried out us-
ing a spheroconical diamond tip with a 
nominal tip radius of 1 μm and a nomi-
nal cone angle of 90°. Load-controlled 
indentations were performed with a 
maximum load of 6 mN. Residual sur-
face topography of selected indents in 
the middle of each grain (to avoid grain 
boundary effects) were measured by 
AFM. Figure 7a displays the residual 
pile-up topographies as measured by 
AFM positioned on an inverse pole 
figure of the indentation direction. The 
indentation data and the indent sizes 
show that the [0001] indentation axis 
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is the hardest direction, as the residual 
impressions are shallower than in other 
orientations. For indentation axes away 
from the [0001] direction, two domi-
nant pile-up hillocks are always formed 
on opposite sides of the impression. No 
twins were found in EBSD scans after 
indentation, and the AFM topographies 
showed no twin-shaped surface fea-
tures.

As shown in Figure 7b, correspond-

ing CPFE simulations using a constitu-
tive model similar to that used in the 
previous section (but with latent hard-
ening included) predicted pile-up pat-
terns in good agreement with the ex-
perimental measurements. The CRSS 
values for prismatic, basal, and pyrami-
dal <c+a> slip of the CPFE model were 
identified by optimizing the simulation 
results (load–displacement and resid-
ual pile-up pattern) of the indentation 

process in different grain orientations. 
Non-linear optimization was conduct-
ed by applying a custom implementa-
tion of the downhill simplex method 
after Nelder and Mead.22,23 The calcu-
lated values of CRSS were (150 ± 4) 
MPa for prismatic slip, (349 ± 10) MPa 
for basal slip, and (1107 ± 39) MPa for 
pyramidal <c+a> slip, respectively. 
The CRSS value for prismatic slip is 
expected to have better accuracy using 
this optimization process than the less-
er active slip systems. These values im-
ply that basal and <c+a> slip are more 
difficult to activate than the values used 
in the prior model, where the ratios 
used were 1:2:3 for prism:basal:<c+a> 
CRSS values. However, increasing 
these ratios resulted in negligible basal 
and <c+a> slip, which is inconsistent 
with the experimental observations. 
Introduction of latent hardening using 
the 1:2:3 CRSS ratio made only minor 
differences, indicating that this highly 
tuned phenomenological model based 
upon indentation  did not significantly 
improve the simulation. Two possible 
reasons for the poorer fidelity with 
experiment are that the loading condi-
tions for indentation contain significant 
hydrostatic compression, which may 
affect slip resistance by non-Schmid 
stress components that affect slip ac-
tivation.24 Secondly, the lack of grain 
boundaries may also frustrate dislo-
cation nucleation processes for non-
prism slip.25 Furthermore, the CPFE 
simulation does not contain any form 
of additional slip resistance across a 
grain boundary.13 Simulation of the 
sub-surface grain geometry with an 
accurate 3D mesh may also positively 
affect model accuracy. Improvement 
in modeling slip behavior near grain 
boundaries appears to be necessary to 
improve the agreement between exper-
iment and simulation. 

slIP traNsfer across 
graIN BouNdarIes

 To better assess how local disloca-
tion content and orientation gradients 
are affected by grain boundaries, slip 
transfer phenomena were investigated 
in this specimen.26,27 Evidence for slip 
transfer is apparent in the boundary be-
tween grains 1 and 2, where the twin in 
grain 2 developed due to slip transfer 
from the active prism slip system in 

Figure 8. Two DAXM volume scans (20×10 mm2, step size = 2 mm) were performed at the 
boundary between grain 1 and 2, and grain 2 and 3. The scanned regions on the surface 
are indicated by the two yellow boxes making 2 mm steps with a nominally 1 mm beam. A 
DAXM volume scan probes a parallelepiped beneath the surface. The microstructure in 
the 3-D space can be visualized by showing 2D sections of the parallelepiped at different 
depths.

Figure 7. The experi-
mentally measured (a) 
and CPFE simulated (b) 
pile-up topography laying 
on an inverse pole figure 
of α-titanium according 
to their indentation axis. 
In simulation results, 
regions below the zero 
level are shown in blue 
and pile-up is shown in 
grayscale. Corresponding 
crystal plasticity finite ele-
ment simulations predict-
ed the pile-up patterns 
with good accuracy.

Figure 6. The 20 × 16 mm 
grid of indents applied on 
a microstructure patch. 
Selected indents (high-
lighted by white circles) in 
each grain were investi-
gated in detail using AFM 
and simulated using the 
CPFE method.

a

b
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grain 1. In this case, the geometrical 
alignment between the prism slip sys-
tem in grain 1 and the twinning system 
in grain 2 was quite high. This align-
ment is described by the slip transfer 
parameter m′ = cos ψ ∙ cos κ = 0.94, 
where ψ is the angle between the 
prism slip plane normal in grain 1 and 
the twinning plane normal in grain 2 
and similarly, κ is the angle between 
the prism slip Burgers vector and the 
twinning Burgers vector. In contrast, 
slip transfer from the twin system in 
grain 2 to the active prism slip system 
in grain 3 has m′ = 0.73, a significantly 
lower value. A statistical comparison 
of 26 boundaries with similar geo-
metrical relationships for active prism 
slip in one grain and high Schmid fac-
tors for twinning (under uniaxial ten-
sion) in the neighboring grain showed 
that only boundaries with m′ values > 
0.88 exhibited slip transfer. Because 
two boundaries with m′ > 0.95 did not 
show slip transfer stimulated twinning, 
this parameter is apparently necessary 
but not sufficient, indicating that lo-
cal stress tensors must be considered, 
or additional criteria must be satisfied. 
An important outcome of this analysis 

Figure 9. A section of the DAXM volume scan near the boundary 
between grains 1 and 2 at 2 mm beneath the surface. Grain 1 and 
the twin are represented by cyan and turquoise color, respectively. 
The 3 pixels surrounded by thick boxes show moderately streaked 
peaks, while the other 47 pixels all show sharp peaks. Laue patterns 
of 4 pixels are shown. In pattern 3, the black dotted arrows near three 
indexed peaks represent the theoretical peak streak direction caused 
by ( )[ ]

_ _

1010 1210  edge dislocations.

Figure 10. Three sections of the DAXM area scan near the boundary 
between grains 2 and 3 show how the grain boundary and twin are 
inclined to the surface. Selected Laue patterns from numbered 
voxels on the top scan are shown. Laue patterns from grain 3 display 
significantly streaked peaks. Pattern 6 uses an intensity threshold 
that is lower than the rest of the patterns to make the peaks more 
visible. 

was that the activated twin system only 
sometimes had the highest Schmid 
factor (and in a couple of cases the 
activated twin system had the lowest 
Schmid factor based upon the global 
stress state), indicating that nucleation 
is the critical part of the process for 
activating mechanical twins (see also 
Reference 28 for a similar outcome 
based upon a statistical study, and Ref-
erence 29 that shows how dislocations 
entering a grain boundary can facilitate 
twin nucleation). These two boundar-
ies were further investigated using 3D 
differential aperture x-ray microscopy 
(DAXM30–32) to characterize subsur-
face microstructure and GNDs at two 
ends of a twin in grain 2 to gain fur-
ther understanding of slip transfer and 
the twin nucleation process. Quantified 
GND content is useful for making de-
tailed comparisons between measured 
and simulated GND content.

cHaracterIzINg  
suBsurface  

MIcro-structure  
aNd gNds 

 In DAXM, the polychromatic x-
ray beam penetrated the sample 45° 

from the surface normal in the direc-
tion of the tensile axis as illustrated 
in Figure 8. Scattered photons from 
a polychromatic beam were captured 
with an area detector located 90° from 
the incoming beam above the sample. 
Scans were made where slip transfer 
led to twin nucleation, and on the other 
side of grain 2 where the same twin 
was stopped by the boundary between 
grains 2 and 3. Both scans covered a 
rectangular surface area of (20 x 10) 
mm2, with a step size of 2 mm and the 
volume in a subsurface parallelepiped 
about 100 mm deep, which can be vi-
sualized as a series of orientation maps 
beneath the surface. 
 In Figure 8, the parallelepiped vol-
ume of the area scan at the boundary 
between grains 1 and 2 almost entirely 
fell into grain 1. Only a few voxels near 
the upper-right corner of the scanned 
area show diffraction peaks from the 
twin. Figure 9 shows a 2D orientation 
map from about 2 mm beneath the sur-
face. Of the 50 Laue diffraction pat-
terns, all except the upper right two 
patterns came from grain 1. The Laue 
patterns of 4 pixels are shown in Fig-
ure 9; patterns 1 through 3 are from 
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grain 1, and pattern 4 from the twin. 
All of the diffraction patterns showed 
nearly circular (sharp) peaks except for 
the three locations marked with a box 
where moderately streaked diffraction 
patterns were observed. These corre-
spond to regions where the prism slip 
band was not lined up with a location 
where slip to twin deformation transfer 
occurred at the boundary with grain 2 
(note inset in Figure 8). These streaked 
spots are evidence for dislocation pile-
ups that cause an accumulation of 
geometrically necessary dislocations. 
Using Nye’s dislocation tensor, the 
theoretical peak streak direction can be 
calculated for any chosen GND popu-
lation of edge dislocations13,30–33 and 
compared with experimental measure-
ments. From such inverse calculations, 
the peak streak analysis indicates that 
the GNDs could be caused by prismat-
ic { }1010 1210< >  <a> edge disloca-
tions, which is the system responsible 
for the slip bands in grain 1 (it has a 
global Schmid factor of 0.478). 
 The second investigated parallelepi-
ped with Laue patterns from selected 
voxels of grain 2 (red), grain 3 (blue), 
and the twin (cyan) are shown in Fig-
ure 10. Pattern 1 shows a characteris-
tic diffraction pattern for the twin with 
slightly elliptical peaks, consistent with 
the other end of the twin at the bound-
ary between grains 1 and 2, indicating 
a weak presence of GNDs. The three 
white voxels ahead of the tip of the twin 
have Laue patterns with weak, hazy 
peaks, indicating a severely deformed 
lattice, but the few recognizable peaks 
have the same orientations as grain 
2. The extreme deformation is prob-
ably due to the plastic accommodation 
where the twin growth interface ter-
minates in the matrix.34–36 In addition, 
there is a large shift in peak positions 
from voxel 2 to voxel 6, which implies 
the existence of a large orientation gra-
dient in front of the twin tip. In grain 
3, the peaks are significantly streaked, 
and the direction of streaked peaks in 
patterns 7 and 8 is different from that 
in pattern 9. Hence, grain 3 has a sig-
nificant amount of GNDs, and there 
are at least two types of GNDs present. 
In the interior of grain 3, at location 
9, edge GNDs on the activated prism 
<a> slip system { }1010 1210< >  exist 
(which has a high global Schmid fac-

tor = 0.467). Near the grain boundary, 
a different slip system must account 
for the streaked peaks. The strongly 
streaked patterns indicate a high GND 
population, that is significant pile-ups 
of dislocations.
 Grains 1 and 3 both displayed active 
prismatic slip that impacted boundaries 
with grain 2. However, the density of 
GNDs in grain 3 was found to be much 
higher than in grain 1 by comparing the 
extent of the streak in these two grains. 
This difference can be accounted for by 
the slip transfer effect. Near the bound-
ary between grains 1 and 2, prismatic 
dislocations generated in grain 1 by 
slip transfer were readily absorbed and 
transformed into twinning dislocations 
in grain 2 (m′ is 0.94 for this process). 
This suggests that no significant dis-
location pile-up remained in grain 1, 
resulting in sharp diffraction peaks. 
The prismatic dislocations generated in 
grain 3, however, which preceded the 
twin formation (as the strain caused a 
greater depression in grain 3 than grain 
1 inFigure 5a), were less able to transfer 
into grain 2, as m′ between the twin and 
the prismatic slip in grain 3 was 0.73, 
much lower than the average m’ value 
in grain pairs where slip–twin transfer 
occurred. As slip transfer was not pos-
sible, prismatic dislocations piled up at 
the boundary between grains 3 and 2 
and caused lattice curvature (streaked 
peaks), and activation of at least one 
other accommodating slip system. The 
smaller m′ can account for the fact that 
the twin terminated in grain 2 instead 
of further expanding along the bound-
ary between grains 2 and 3.
 Finally, the DAXM technique can 
be coupled with CPFE modeling, to 
p rovide a non-destructive assess-
ment of grain boundary inclinations. 
The DAXM scan at the boundary be-
tween grains 2 and 3 shown in Figure 
10 shows that it is almost perpendicu-
lar to the sample surface. It is pos-
sible to compare lattice rotation (peak 
shift and streaked peaks) measured by 
DAXM with the calculated rotations 
from CPFE simulations, which will be 
examined in future work. From these 
studies, criteria that describe how dis-
locations interact with grain boundar-
ies can be developed, which should be 
implemented into constitutive models 
used in CPFE simulation. 

coNclusIoNs

 The experimental results indicate 
that a CPFE model with phenom-
enological hardening can simulate the 
heterogeneous deformation process in 
commercial purity titanium at a level 
that is roughly consistent with experi-
ments. The spatial distribution of de-
formation, however, shows some dif-
ferences from the experimental mea-
surement. Optimized simulation of the 
nano-indentation process constrained 
by experimental measurements led to 
refined constitutive parameters, but use 
of these parameters did not significant-
ly improve the simulation. The nano- 
indentation approach evaluated slip 
behavior in hydrostatic compression 
states that may not be equivalent to the 
predominantly tensile stresses present 
in the bent polycrystalline sample. To 
further improve the accuracy of CPFE 
simulation, a deeper understanding of 
how deformation is influenced at and 
across grain boundaries needs to be cast 
into the constitutive description of crys-
tal plasticity.
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